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Abstract

The recent demonstration of ferroelectricity in ultrathin HfO2 has kickstarted a

new wave of research into this material. HfO2 in the orthorhombic phase can be con-

sidered the first and only truly nanoscale ferroelectric material that is compatible with

silicon-based nanoelectronics applications. In this communication, we demonstrate

the ferroelectric control of the magnetic properties of cobalt deposited on ultrathin

aluminum-doped, Atomic Layer Deposition-grown HfO2 (tHfO2 = 6.5 nm). The fer-

roelectric effect is shown to control the shape of the magnetic hysteresis, quantified

here by the magnetic switching energy. Furthermore, the magnetic properties such

as the remanence are modulated by up to 41%. We show that this modulation

does not only correlate with the charge accumulation at the interface but
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also shows an additional component associated with the ferroelectric po-

larization switching. An in-depth analysis using First Order Reversal Curves shows

that the coercive and interaction field distributions of cobalt can be modulated up to

respectively 5.8% and 10.5% with the ferroelectric polarization reversal.
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1 Introduction

The effort for scaling ferroelectric materials reached a turning point with the demonstration of

ferroelectricity in doped HfO2 ultrathin films[ 1–4] (tHfO2 < 10 nm). The addition of dopants

such as Si,[ 1,5] Y,[ 2] Al[ 3] or Gd[ 4] distorts the HfO2 lattice, resulting in an orthorhombic

crystal structure.[ 4,5] In the orthorhombic unit cell, the coordinated displacement of four

oxygen ions leads to ferroelectric polarization,[ 6] which can reach 53 µC/cm2 in saturation.

In other ultrathin film ferroelectrics such as BaTiO3 or SrTiO3, the Curie temperature is

typically very low,[ 7] unless the material is under significant epitaxial strain from a template

layer.[ 8–10] In addition, the bandgap of Sr(Ba)TiO3 is particularly low compared to that of

HfO2
[ 11–13] leading to high leakage currents when an electric bias is applied. Furthermore, the

interfacial dielectric dead layer, common between Sr(Ba)TiO3 and electrode metals,[ 14] has

lower permittivity and lowers the voltage drop across the ferroelectric. This dead layer can

be suppressed through interfacial engineering in HfO2.
[ 15] HfO2 offers the prospect of grow-

ing ultrathin layers that are ferroelectric at room temperature (with TCurie up to 450◦C)[ 16]

without recourse to epitaxial strain from a template layer. All three of these requirements

are crucial for the compatibility of this ferroelectric layer with truly nanoscale electronic

devices and applications. Room temperature ferroelectric behaviour has been demonstrated

in X:HfO2 (with X = Si, Al, Y, Gd, La and Sr) down to tHfO2 < 10 nm[ 17] and Y:HfO2 has
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been shown to be ferroelectric down to 3 nm.[ 18] Furthermore, stoichiometric Hf0.5Zr0.5O2

has recently been demonstrated to be ferroelectric for layers as thin as 2.5 nm.[ 19] Finally,

doped HfO2 layers can be deposited using Atomic Layer Deposition (ALD),[ 20] which makes

the fabrication compatible with highly scaled Si CMOS technology nodes.

Electrical manipulation of the ferromagnetic properties of metallic thin films has been an

area of intensive research for the past years. The prospect of modulating a magnetic state

without using an energetically expensive Oersted field or spin-polarized current would clear

the way for many magnetic alternatives to electronic technologies. Five different mechanisms

can be distinguished: single phase multiferroicity,[ 21–23] modulation of interfacial bonding

states,[ 24] strain-driven modulation,[ 25–27] ionic motion[ 28–30] and charge accumulation at a

ferromagnet-dielectric interface, a mechanism frequently ascribed to the Voltage Control of

Magnetic Anisotropy effect, VCMA.[ 31–34] Charge driven magnetoelectric phenomena such

as VCMA in ultrathin film bilayers using dielectrics can be fast and fully reversible. Until

now, VCMA has been demonstrated using MgO as a dielectric, [ 31–34] and in

some particular cases SrTiO3
[ 35] and MgAl2O4.

[ 36] The condition of the insula-

tor/ferromagnet interface is crucial, and so far MgO has proven to be the most

convenient dielectric. In addition, the strength of charge driven anisotropy mod-

ulation has so far been of limited usefulness for electronics applications.[ 34]

Ferroelectric control of magnetism has been demonstrated as well: relying on polymer

ferroelectrics,[ 37,38] multiferroic layers such as BiFeO3 requiring a particular epitaxial template,[ 21–23]

or crystalline ABO3 layers such as BaTiO3 that are either too thick[ 7,39,40] or have a low Curie

Temperature[ 7] unless they are strained by a monocrystalline template layer unsuitable for

Si based nanoelectronics applications.[ 10,41]

The dominant theory for charge driven control of magnetic anisotropy[ 31,32,42]
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predicts that a ferroelectric layer should effect non-volatile control of the mag-

netic properties of a ferromagnetic metal. To validate this prediction using fully

CMOS-compatible materials, a ferroelectric layer needs to be selected which pro-

motes an excellent with a ferromagnetic metal layer. In the field of room temperature

ferroelectric control of ferromagnets, the potential of HfO2 has yet to be demonstrated. In

this communication, we demonstrate the ferroelectric control of the magnetic properties of

ultrathin CoPt films at an interface with HfO2.

2 Results and Discussion

2.1 Magnetization, structure and morphology of the HfO2\Co\Pt

stack

For this study, we use a Co (0.45 nm)\Pt (5 nm) bilayer deposited on a 6.5 nm Al-doped HfO2

layer. The HfO2 layer is intended to be as thin as possible, while retaining suitable

ferroelectric and insulating properties. A thicker ALD-grown HfO2 layer, with

tHfO2 = 8 nm or above may show better material quality, and therefore better

ferroelectric properties[ 18,20]. However, here we intend to demonstrate ferro-

electric control under conditions closely compatible with CMOS operation; this

means thin ferroelectrics and low voltages. Furthermore, the dopant which dis-

torts the HfO2 lattice is chosen to be Al due to its common availability in ALD

systems. Other dopants such as Gd, Zr or in particular La have been shown

to improve the ferroelectric properties compared to Al[ 17,43], and in particular

La-doped Hf0.5Zr0.5O2 combines high endurance and remanent polarization[ 43,44].

These alternative dopants provide perspective for future work on ferroelectric

VCMA.

The presence of the orthorhombic phase of HfO2 is crucial for the ferroelectric order[ 4–6]
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and is confirmed by Grazing Incidence X-Ray Diffraction (GIXRD, see Figure 1.a). The

peaks at 2θ angles of 30.4◦ and 34.5◦[ 45,46] show that the crystal structure of HfO2 is mixed

between orthorhombic and cubic, as expected from the state of the art.[ 20] The peak at

34.5◦ originates solely from the orthorhombic (111) plane, and demonstrates the presence of

this phase. A quantitative phase analysis is prevented by the overlap of GIXRD peaks of

the different HfO2 phases. An additional, broad XRD peak centered around 41.1◦

shows the presence of intermixed fcc (111) Co and Pt.47,48 The thin Co layer

has interdiffused with its Pt cap, and adopted the same fcc (111) structure.

The intermixing of Co and Pt is also evident from the Energy-Dispersive X-Ray

Spectroscopy (EDS) analysis in Figure 1.b. Henceforth, given that the magnetic

Co layer has interdiffused with its Pt cap, Co\Pt refers to the as deposited layer,

and CoPt to the interdiffused layer where the ferroelectric control takes place.

All ferroelectric materials are also piezoelectric.[ 49] It is therefore important to ensure that

magnetoelectric effects in HfO2\CoPt are due to the ferroelectric polarization of HfO2 and

not piezoelectric strain. First, the piezoelectric displacement in HfO2 is at least an order of

magnitude smaller than typical piezoelectric materials,[ 1] so any strain-driven effect would

likely be particularly weak. Furthermore, it is crucial to ascertain that the interface between

Al:HfO2 and Co is free of any residual layers, to ensure that the Co surface is impacted by

the ferroelectric polarization of HfO2 and not by strain transferred through a residual layer.

Energy-Dispersive X-Ray Spectroscopy (EDS) analysis shows that the HfO2\Co interface is

slightly interdiffused and free of contamination (Figure 1.b). In particular, the absence of

residual TiN is shown. A TiN sacrificial layer is used during HfO2 crystallization[ 20] and

needs to be replaced with the magnetic Co layer (see Supplementary Material). The clean

HfO2\Co interface and the relative weakness of the piezoelectric displacement[ 1] reliably

minimize the possible impact of piezostrain.
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The polycrystalline structure of HfO2 is shown with High-Resolution Transmission Elec-

tron Microscopy (HRTEM, Figure 1.c). The grain size is estimated to be around 10 nm, and

is not directly determined by the grain size or orientation of the underlying TiN layer (Fig-

ure 1.d). The Co layer cannot be seen in HRTEM due to significant interdiffusion between

Co and Pt, as seen with EDS and GIXRD (see Supplementary Material), and it is therefore

more accurate to consider the interdiffused Co\Pt layer as the magnetic layer. This in-

terdiffusion is a consequence of the thermal anneal applied after the Co\Pt\Ru

deposition[ 48].

Finally, the thicknesses of the different layers are derived from TEM, and confirmed with

Rutherford Backscattering Spectroscopy (RBS) analysis (see Supplementary Material). From

RBS, the as-deposited Co thickness of the samples used in the following paragraphs is mea-

sured: tCo = 0.45 ± 0.02 nm.
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Figure 1: a) The Grazing Incidence X-Ray Diffraction characteristic of the materials stack
shows the presence of the orthorhombic HfO2 phase. b) Energy Dispersive X-Ray Spec-
troscopy shows the atomic concentration versus depth in the sample. c) Transmission Elec-
tron Microscopy image of the materials stack and d) zoom. The TEM/EDS image is captured
on a sample with a thick Cobalt layer, to illustrate interdiffusion.

The deposited thickness of the Co layer and the Pt cap are chosen to orient the magneti-

zation perpendicular to the sample plane (perpendicular magnetic anisotropy, PMA).[ 48,50,51]

As mentioned earlier in the discussion of the GIXRD and EDS results, the Co

and Pt layer have significantly interdiffused upon thermal annealing. It is there-

fore more accurate to consider an fcc (111) alloyed CoPt layer with a Pt cap as

the magnetic layer. The magnetic properties of this CoPt layer are probed using vibrating

sample magnetometry (VSM). The dependence of the magnetic moment on the deposited
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Co thickness can be seen in Figure 2.a. The magnetization of the sample M = 1.42 ± 0.07

MA/m (see Supplementary Material) is comparable to the magnetization of bulk cobalt (1.44

MA/m).[ 52]

A sharp Co/Pt interface, such as in a Co/Pt superlattice or a Co\Pt layer de-

posited on a thick, crystalline Pt template layer, typically shows strong PMA[ 53,54].

However, in the case of an interdiffused Co/Pt interface or even a CoPt alloy,

PMA can be obtained by promoting the fcc (111) crystalline structure[ 55]. In

fact, in Co\Pt bilayers deposited on an oxide, such as SiO2 or amorphous HfO2,

a thermal annealing step is necessary to induce PMA in the magnetic layer[ 48,56].

This annealing process leads to interdiffusion on the one hand, and to crystalline

reordering of the CoPt lattice under the influence of the fcc (111) Pt layer. In

this material stack, the CoPt layer is shown to have an fcc (111) structure from

the XRD peak at 2θ = 41.1◦ (Figure 1.a).[ 48] The materials stack shows PMA up to

a deposited cobalt thickness (tCo) of 1.75 nm (Figure 2.b). In the PMA regime, the effec-

tive anisotropy Keff saturates at 0.12 ± 0.033 mJ/m2 (Figure 2.b and see Supplementary

Material).
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Figure 2: a) The magnetization curves measured using VSM for increasing tCo with out-of-
plane applied magnetic field (in dark grey the magnetization curve of the sample discussed
henceforth). b) Thickness dependence of the effective magnetic anisotropy energy Keff . By
convention, Keff > 0 indicates perpendicular magnetic anisotropy (PMA). c) The Hall bar
design used for the electrical measurements. The applied gate voltage VG, the measured
Hall voltage (”V”) and the channel current (white arrow) are indicated. The inset shows an
anomalous Hall Effect measurement with out-of-plane µ0H.

2.2 Ferroelectric training and characterization

Thin film ferroelectric materials typically do not exhibit ferroelectric ordering as-deposited,[ 3]

but instead need to be electrically trained. Training of ferroelectrics consists of repeatedly

cycling the applied voltage, in order to align the different ferroelectric domains parallel to

each other. The effect of training is shown in Figures 3.a and b. Before training, the

reversal current through the ferroelectric shows a typical dielectric current-voltage curve.
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The ferroelectric behaviour is characterized by switching events seen as peaks in the I-

V relationship. As the ferroelectric is trained, the switching events merge into a single,

broad ferroelectric polarization switch at the coercive voltage (Figure 3.a). The polarization

of HfO2 consists of the net amount of electrical charge displaced inside the ferroelectric

layer, and equals the amount of charge accumulated in the electrodes of the ferroelectric

capacitor. After cycling, the polarization shows the typical ferroelectric hysteresis behaviour

(Figure 3.b). The HfO2 layer reaches a polarization 2Pr = 14 µC/cm2. This value is lower

than our previously reported figures (27 µC/cm2),[ 20] this is explained by the difference with

respect to the original process, i.e. replacing the top electrode with cobalt.

-1

0

1

0-3 3
VGate (V)

Polarization (nC)

Pristine

Trained

0-3 3
VGate (V)

100

0

-100

IReversal (µA)

a) b)

Pristine

Trained

2Pr = 14 µC/cm²

Figure 3: a) The current through Al:HfO2 versus VG in square capacitors (90 µm side)
show the ferroelectric polarization switching events as a peak in the reversal current. b) The
polarization of the ferroelectric layer obtained from integrating the current in a. Training
leads to opening of the hysteresis loop. The double arrow indicates the remanent polarization
2Pr.

2.3 Ferroelectric control of the magnetic hysteresis

The magnetization of the samples is measured electrically with the anomalous Hall effect

(AHE) using a Hall bar device (shown in Figure 1.c). A current is applied in the plane, along

the channel. The gate voltage VG is applied between the top Ru electrode and the bottom
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Si electrode, and the magnetic field is applied out of the plane. The Hall voltage VHall is

measured across one of the two Hall crosses present along the channel. The ferromagnetic

hysteresis loop is measured with the anomalous Hall effect as a function of the applied gating

voltage VG. The used VG sequence is shown in the inset of Figure 4.a.

The impact of the gating voltage on the ferromagnetic hysteresis amounts to a gradual

change in the shape of the loop for pristine HfO2 (Figure 4.a). For trained HfO2, two dis-

tinct states appear in the voltage-dependent ferromagnetic hysteresis loops, corresponding

to the two ferroelectric states (see Figure 4.b). The positive gating voltage in the pristine

sample, or positive ferroelectric polarization in the trained sample leads to a flatter, less

square magnetic hysteresis loop. The trained sample is characterized further by recording

the magnetic remanence versus the gate bias VG, and a reproduction of the ferroelectric

hysteresis loop is obtained (Figure 4.c). In the trained state, the magnetic remanence can

be modulated by the ferroelectric polarization by up to 7.8 µV in terms of the Hall voltage

or 41%. During training, the quasi-linear dependence of VHall,remanence on VG opens up to

reproduce the ferroelectric hysteresis loop which is shifted to lower VHall,remanence values.

After training, the electrical control of the magnetic properties is strongly enhanced and

the magnetic properties are shifted irreversibly. As training of the HfO2 layer leads to a

change from the dielectric to the ferroelectric phase, the interface with CoPt is impacted as

well, leading to a change in the CoPt magnetic properties. Several phenomena have been

associated with the emergence of the ferroelectric ordering through training:[ 20] formation

of an oxide layer between an electrode and HfO2,
[ 57] phase transitions,[ 58,59] presence of an

internal bias due to mobile ions[ 60] or the redistribution of oxygen vacancies.[ 61] Hence it is

most likely that changes to the HfO2 bulk and interface impact the magnetic properties of

the CoPt layer, and justify the downward shift seen in the magnetic remanence. Despite

this shift upon training the ferroelectric layer, the HfO2 ferroelectricity, as evidenced by the

magnetic properties, is retained reliably for up to 107 fast switching cycles (see Supplemen-
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tary Material). To summarize, the shape of the magnetic hysteresis loop as evidenced by

the magnetic remanence is determined by the ferroelectric polarization hysteresis loop, and

demonstrates ferroelectric control of magnetism in HfO2\CoPt.

In the most common explanation for VCMA,[ 31–34] the electrical charge accumulation at

the interface between a dielectric (here, the ferroelectric) and a ferromagnetic material leads

to a change in the effective magnetic anisotropy energy Keff . The magnetic anisotropy,

which depends on the polarization of the ferroelectric capacitor as expected for the charge

accumulation mechanism, can be determined from the ferromagnetic hysteresis shape. In

reality, the magnetization curve for a PMA sample may not be perfectly square, and the

magnetization switching may not happen abruptly at a single Hc, but gradually. The mag-

netic non-uniformity of the sample prevents a straightforward quantitative computation of

Keff , as would be required to quantify the VCMA effect. Therefore, we derive the Mag-

netic Switching Energy, which is a measure for the magnetic energy spent in switching the

magnetization of the sample:

MSE (T V ) =

∫ VHall,Sat

0

µ0H dVHall (1)

The MSE of Equation 1, as a qualitative measure for anisotropy, is expected to be depen-

dent on the ferroelectric polarization through VCMA. Therefore, in both the pristine and

the trained state, the MSE dependence on the gating voltage VG should reliably reproduce

the ferroelectric polarization of Figure 3.b.

As can be seen in Figure 4.d, in the pristine state, the MSE shows the same quasi-linear

dependence on VG as the polarization; conversely, in the trained state, the ferroelectric

hysteresis loop is evident in the MSE, along with the shift ascribed to training. The clear

correlation between the dependence of the MSE on the gating voltage and the ferroelectric

12



polarization shows that in this HfO2\CoPt layer, the ferroelectric and ferromagnetic states

are coupled.
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Figure 4: a) The sequence of VGate as applied in the voltage control experiments (inset)
and the anomalous Hall effect curves at each gating voltage before ferroelectric training.
b) After ferroelectric training, two distinct states arise corresponding to the ferroelectric
polarization. The insets in a and b show a zoom into the remanent part of the measure-
ment. c) The magnetic remanence versus the gate voltage and d) the magnetic switching
energy (MSE, eq 1) versus gate voltage. Both characteristics show that as the samples go
through ferroelectric training, the ferroelectric hysteresis is reproduced in the remanence and
MSE, demonstrating ferroelectric control of the magnetic properties of CoPt. e) The rela-
tionship between the accumulated charge and the MSE reveals a charge- and a polarization-
dependence.
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From this similarity between the electric field-dependence of the magnetic remanence and

the ferroelectric polarization, we deduce the modulation mechanism at play in this materials

stack to be intrinsic to the ferroelectric/ferromagnet interface: the modulation of interfacial

bonding states[ 24] or the charge accumulation mechanism most commonly deemed respon-

sible for VCMA,[ 31–34] or a combination of both. A careful examination of the dependence

of the MSE on the accumulated charge further sheds some light on the underlying mecha-

nism (Figure 4.e). For a charge accumulation mechanism, the dependence of the magnetic

properties on the accumulated charge is expected to show a continuous behaviour. In fact,

the charge-dependence is often shown to be linear,[ 31,34] and accordingly we observe such

linear dependence for the untrained HfO2 layer (Figure 4.c, d). However, in the trained

sample, an abrupt transition is observed in the MSE versus accumulated charge as the fer-

roelectric polarization switches. This additional component provides evidence that a charge

accumulation mechanism alone cannot fully account for the encountered behavior and that

the modulation of interfacial bonding states[ 24] plays a role as well.

2.4 FORC analysis

To complement the analysis based on the magnetic hysteresis, the coercivity of the magnetic

layer, and more precisely its distribution in this non-uniform sample, is probed using a First

Order Reversal Curves (FORC) analysis. The FORC analysis assumes that a non-uniform

sample consists of many elementary magnetic particles, called Hysterons. The Hysteron is

defined by two parameters: the coercive field Hc which represents the width of the hysteresis

loop, and the interaction field Hi which can be seen, empirically, as the shift of the Hysteron

along the magnetic field axis (inset of Figure 5.a). Physically, the interaction field arises

from the proximity of other magnetic particles around a Hysteron, e.g. through magnetic

exchange or dipolar fields. The FORCs are measured at VG = 0 V, after polarizing the fer-

roelectric with a voltage pulse of either +3 V or -3 V (the negative ferroelectric polarization

is shown in Figure 5.a). Measuring the FORCs in ferroelectric remanence ensures that the
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changes in the FORC distribution are exclusively due to the remanent polarization of the

ferroelectric HfO2. In ferroelectric materials like HfO2, the lattice strain in remanence is

essentially zero, which rules out strain as a modulation mechanism altogether.[ 1]

The magnetization of the sample is collected as a function of the applied field µ0H and

the reversal field µ0HR according to the FORC protocol.[ 62] A FORC curve is obtained when

the magnetic field sweep is interrupted at the reversal field µ0HR, and subsequently reversed,

back to positive saturation (Figure 5.a). The FORC distribution ρ shows the distribution

of the properties of the Hysterons (defined by Hc and Hi) in Hc-Hi space. In essence, the

FORC distribution ρ tells us how many Hysterons are present in a sample, with a given Hc

and Hi (Figure 5.d). The FORC distribution ρ is calculated from the FORC measurement

as the second derivative of the magnetization (normalized to VHall,Saturation) to the applied

field and the reversal field:[ 62]

ρ (H,HR) = −1

2

∂2mFORC (H,HR)

∂H∂HR

(2)

Two features stand out in the FORC distribution (Figure 5.d): a wide peak at low µ0Hc and

positive µ0Hi; and a peak centered around µ0Hi = -1.8 mT and µ0Hc = 5.5 mT, indicated

with an ”x”. The first peak is ascribed to kinetic effects that may be related to magnetic

domains with a narrower distribution of coercive fields.[ 63] In these domains, the magneti-

zation has been shown to relax to its equilibrium position in a timescale that is longer than

that of the experiment.[ 63] Due to this longer relaxation timescale, the ferroelectric polariza-

tion does not visibly impact the distribution of these domains. The second peak reflects the

properties of the ferromagnetic domains present in the CoPt layer that are impacted by the

ferroelectric polarization of HfO2. A cross-section of this peak is shown versus the coercive

field Hc and the interaction field Hi respectively in Figure 5.b and 5.c. The cross sections of

the FORC distribution along both field axes are fitted with a Gaussian function to extract
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the position of the center σ and the width of the peak µ.

The distribution of the coercive field Hc (Figure 5.b) shifts to higher fields for positive

ferroelectric polarization (taking negative polarization as the reference), but also broadens

significantly. The center of the coercive field peak shifts with 0.32 mT; an increase of 5.8%

ascribed to a change in the magnetic anisotropy through VCMA.[ 64] Interestingly, the width

of the Hc distribution also increases, with 0.8 mT or 13%. The fact that the width of the

distribution is impacted by the ferroelectric polarization shows that the modulation of the

magnetic properties is nonuniform, just like the magnetic properties themselves. Finally, the

center of the Hi peak shifts by 0.19 mT or 10.5% and its width by 0.37 mT or 10.4% as the

ferroelectric polarization switches.
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Figure 5: a) A FORC measurement comprises the set of curves from the reversal field HR to
the saturation field µ0H = 40 mT; the goal is to extract the distribution of properties of the
hysterons in the sample (inset). An individual FORC is shown in light blue. b) and c) The
cross sections of ρ along the coercive field and interaction field axes show the modulation
due to the ferroelectric polarization. The dots represent the FORC distribution ρ and the
lines are Gaussian fits to the data. The center position of the Gaussian peak µ and its width
σ are shown in the insets. d) The FORC distribution ρ is calculated using eq. 2.

In the following final paragraphs, we place the effect reported here into the

broader context of voltage control of magnetism[ 65,66] using three selected ref-

erence materials: ferroelectric polymer P(VDF-TrFE), solid-state ferroelectric

BaTiO3 and solid-state multiferroic BiFeO3. We provide a quantitative compar-

ison of the strength wherever possible.

First of all, ferroelectric polymer layers have been shown to modify the coerciv-
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ity of a thin Co layer.[ 37,38] For instance, the coercive field of Co deposited on a

thick Pt seed can be modulated by up to 16 mT (or about 30%) by the rema-

nent polarization of the ferroelectric polymer P(VDF-TrFE).[ 38] In comparison,

we show a change of 5.8% of the coercivity with the ferroelectric polarization

of HfO2 from FORC. While the effect reported here is weaker than the effect

arising from the polymer ferroelectric, the applicability advantage of using a

CMOS-compatible solid-state ferroelectric such as HfO2 outweighs the strength

considerations.

The prime example of a solid-state ferroelectric is BaTiO3 (BTO). Sahoo et al.[ 67]

show that the ferroelectric polarization of single crystal BTO can modulate the

coercivity of Fe by up to 20% at room temperature. In remanence, this modu-

lation strength is around 4.5%, which is quite comparable to the 5.8% reported

in this publication. The major advantage of HfO2 resides in its thin film, room

temperature ferroelectricity and the CMOS-compatible seed-layer material, TiN.

In comparison, BaTiO3 is ferroelectric at room temperature in monocrystalline

substrates[ 39,40,67] or fairly thick deposited films.[ 7] Another option to obtain

room temperature ferroelectricity in BTO is to expose it to significant epitaxial

strain to increase the ferroelectric Curie temperature[ 7], using a template layer

that is incompatible with Si nanoelectronics.[ 10,41]

Finally, ferroelectric control of magnetism is also present in single-phase multi-

ferroic materials such as BiFeO3 (BFO). The polarization of BFO is for instance

shown to control the coercive field of La0.7Sr0.3MnO3 by up to 50 mT or around

100% at 5.5 K.[ 68,69] Single-phase multiferroic layers exhibit many interesting

physical phenomena. However, these materials, such as BFO broadly suffer

from the same issue as BTO and related ferroelectric layers concerning the re-
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quired crystalline quality for CMOS-compatibility. BFO shows multiferroicity

and control of the magnetic properties in typically thick layers (around 100 nm)

and deposited on CMOS incompatible seed layers such as SrRuO3
[ 21–23].

Ferroelectric control of magnetism using fully CMOS-compatible materials stack

had never been shown. Here, the ferroelectric HfO2 layer is ultrathin and has a

high Curie temperature, and the TiN template layer is compatible with nano-

electronics processing.

3 Conclusion

In summary, we demonstrate ferroelectric control of the magnetic properties of in a HfO2\CoPt

trilayer. The ferroelectric material is a solid state, 6.5 nm thick layer of ALD grown Al:HfO2.

The polarization of the ferroelectric layer impacts the shape of the magnetic hysteresis, char-

acterized by the magnetic switching energy. Furthermore, the magnetic properties such as

the magnetic remanence can be modulated with up to 41% with the ferroelectric polariza-

tion. In addition, we show that magnetic properties are modulated through two

distinct mechanisms: the accumulated charge and the ferroelectric polarization

itself. A First Order Reversal Curves (FORC) analysis of the magnetic layer also shows the

modulation by the ferroelectric polarization in the distribution of coercivity and interaction

fields. Using the positive and negative ferroelectric remanent states, the center of the Hc and

Hi distributions can be modulated up to respectively 5.8 and 10.5%. Just as ferroelectricity

in HfO2 kickstarted a new wave of research in the application of ferroelectric materials in

microelectronics, these results open a new path to the application of thin film ferroelectric

materials in advanced spintronics and MRAM applications.
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4 Experimental Section

Samples are fabricated on Si wafers after an O3 based clean leaving 1 nm of amorphous SiO2.

A forming gas anneal at 420◦C for 20 minutes is applied to passivate dangling bonds, after

which 10 nm of TiN is sputter deposited. 6.5 nm of ferroelectric Al:HfO2 was deposited

by atomic layer deposition at 300◦C using hafnium chloride HfCl4 and trimethylaluminum

Al(CH3)3 as metal precursors and H2O as the oxidant and with a pulse ratio of Hf:Al =

34:1.[ 20] A further 10 nm of TiN were deposited, followed by a rapid thermal anneal step

at 850◦C for 1 min in N2 at atmospheric pressure to crystallize the FE. The top layer of

TiN is removed with an alkaline wet etch using a mixture of NH4OH, H2O2 and de-ionized

water, and the samples are transferred to a Canon Anelva EC7800 PVD cluster tool. An

in-situ rapid thermal anneal in vacuum is performed at 350◦C for 5 minutes prior to the

sputter-deposition of the Co thin film with thickness ranging from 0.4 to 2.4 nm. Subse-

quently, 4 nm of Pt followed by 5 nm of Ru are deposited in-situ on top of Co. Samples

are finally annealed at a temperature of 300◦C at atmospheric pressure for 10 min in N2

ambient. After deposition, the samples are patterned into capacitor and Hall Bar structures

using Ar+ ion milling. TEM and energy dispersive X-ray spectroscopy (EDS) specimens are

prepared using conventional ion milling and imaged in a FEI Titan at 300kV. Rutherford

backscattering spectra (RBS) were obtained using a He+ beam with an energy of 1.523 MeV,

at a scattering angle of 170◦ and sample tilt angle of 11◦. RBS is used to measure the thick-

ness of Co layers at different locations on 300 mm wafers, with an accuracy of 5%. The Co

thickness is calculated assuming fcc (111) texture of the Co layer, and has the same accu-

racy of 5%. Vibrating sample magnetometry (VSM) measurements were performed using a

Microsense EV11 tool at room temperature on 8x8 mm2 samples. The anomalous Hall effect

(AHE) measurements are performed in a home-built electrical probing tool equipped with

a PHYWE air-cooled magnet. First Order Reversal Curves (FORC) measurements

are measured using the AHE as well, and analyzed using home-built software.

FORC measurements are complementary to classical hysteresis loop measure-
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ments and provide a wealth of information concerning the collective behaviour of

Preisach-like magnetic domains.[ 62] The polarization-voltage and current-voltage

measurements are performed on a 90 µm square capacitor, using a Keithley 4200

pulsed IV setup and a rise time of 10 µseconds/volt. GIXRD is performed in an

X’Pert X-Ray Diffractometer at an incidence angle of 1◦.
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